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Energy efficiency is motivating the search for new high-temperature metals.  Some 
new body-centered-cubic random multicomponent ``high entropy alloys (HEAs)'' based on 
refractory elements (Cr-Mo-Nb-Ta-V-W-Hf-Ti-Zr) possess exceptional strengths at high 
temperatures but the physical origins of this outstanding behavior are not known.  Here we 
show, using integrated neutron-diffraction (ND), high-resolution transmission electron 
microscopy (HRTEM), and theory, that the high strength and strength retention of a 
NbTaVTi alloy and a new high-strength/low-density CrMoNbV alloy are attributable to edge 
dislocations.   This is surprising because plastic-flow in BCC elemental metals and dilute 
alloys is universally accepted to be controlled by screw dislocations.   We use the insight and 
theory to perform a computationally-guided search over 107 BCC HEAs and identify over 
106 possible ultra-strong high-temperature alloy compositions for future exploration. 
 
Achieving the urgent societal goals of reduced emissions and increasing energy efficiency 
is driving the development of new materials.  One path is lightweight materials (Mg, Al, reinforced 
plastics) (1,2,3) for low-temperature applications, such as transportation, while a second path is 
high-temperature damage-tolerant materials for increased combustion efficiency (superalloys, 
TiAl) (4,5).  The new ``high entropy alloys (HEAs)'' are single-phase crystalline materials with 
many components that randomly occupy the atomic sites of the crystal lattice (6-11).  HEAs can 
have remarkable yield strength, ductility, and/or fracture toughness.  The two body-centered-cubic 
(BCC) HEAs MoNbTaVW and MoNbTaW retain high strength at temperatures far above those 
for existing superalloys (Figure 1) (9,11,12) but the mechanisms enabling this performance are not 
well-established (11,12).  Here, we show that the high strength and strength retention of both the 
recent NbTaVTi and new CrMoNbV HEAs (Figure 1) are controlled by edge dislocations.  Our 
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findings are unexpected because screw dislocations are widely understood to control plastic flow 
in BCC elemental metals and dilute alloys (13,14).  However, unlike in dilute alloys, our recent 
theory shows that edge dislocations in some complex HEAs can encounter very large energy 
barriers to glide (15), and hence high strength and strength retention at high temperatures.  Thus, 
while the new CrMoNbV alloy has the highest retained strength to date at T = 1,173K, a theory-
guided search over the entire Cr-Mo-Nb-V-W-Ti-Hf-Zr-Al composition space predicts over 
1,000,000 new alloys with even better performance. 
Alloys of nominal compositions of NbTaTiV and CrMoNbV were synthesized, and in-situ 
neutron-diffraction (ND) measurements were performed (Materials and Methods; S.M. 1, 2; Supp. 
Fig. 1). The ND patterns show a single BCC solid solution at all temperatures up to 1,173 K 
(Figures 2a, 3a).  Atom probe tomography reveals NbTaTiV to contain 1.15 at% (atomic percent) 
O and 0.45 at% N while CrMoNbV has low interstitial contents (0.083 at% O, 0.034 at% N, and 
0.062 at%C).  CrMoNbV also has an attractive density (ρ = 8.08 g/cm3) and melting point (Tm ~ 
2,134 K), and is studied in the as-cast state.   Figure 1 shows the measured yield strengths σy versus 
temperature at a strain rate of 1 × 10-3 s-1; high strength is retained up to 1,173 K (Supp. Figs. 2,3).  
The strength of NbTaTiV is comparable to MoNbTaW and MoNbTaWV, which have been novel 
among BCC HEAs for their exceptional high-T strength retention (11,12) and have been predicted 
to be controlled by edge dislocations (15). Moreover, the CrMoNbV alloy – never tested before – 
has the highest reported strength at homologous temperature T/Tm = 0.55 (12). 
We now demonstrate that edge dislocations, not screw dislocations, control the plasticity 
in both NbTaTiV and CrMoNbV.  First, TEM analysis on NbTaTiV shows that the dislocations 
have Burgers vectors of the <111>a/2 type typical of BCC elements and dilute alloys (Supp. Fig. 
4; S.M. 3); further TEM analysis also suggests that edge dislocations predominate.  Second, line 
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broadening of the ND peaks during deformation is due to inhomogeneous strain fields generated 
by mechanically-induced substructures, including dislocations.  For a given {hkl} lattice plane in 
the crystal, ND yields the evolution of both the interplanar spacing, dhkl, in the elastic regime and 
the peak broadening (full width at half maximum, Δdhkl) in the plastic regime.  Figures 2b,3b 
present the measured axial and transverse lattice strains versus applied stress at T = 293 K.  The 
planar Young’s modulus, Ehkl, and Poisson ratio, νhkl, are derived using Kroner’s model, and the 
cubic elastic constants, C11, C12, and C44 are then computed (Supp. Fig. 5, S.M. 4). The resulting 
Zener anisotropies,   
2𝐶44
𝐶11−𝐶12
= 1.2405 (NbTaTiV) and 0.71 (CrMoNbV), a regime where peak 
broadening is particularly sensitive to dislocation character (see below). The observed peak 
broadening during subsequent deformation is analyzed using the quantitative state-of-the-art 
CMWP method (16).  In addition to instrumental response, HEAs have a peak broadening in the 
undeformed state due to local deviations of atoms from the perfect lattice positions; it is important 
that this initial broadening be subtracted from the mean-square broadening at finite deformation to 
isolate the role of the dislocations.  The line broadening by dislocations is related to the dislocation 
contrast factor for each {hkl} plane via the q parameter as 
Cℎ𝑘𝑙 = 𝐶ℎ00 [1 − 𝑞 (
ℎ2𝑘2+𝑘2𝑙2+ℎ2𝑙2
ℎ2+𝑘2+𝑙2
)]              (2) 
where q is a function only of the dislocation Burgers vector, character, and elastic anisotropy.  The 
CWMP analysis performed on NbTaTiV samples, for <111>a/2 dislocations and deformed to 
plastic strains of 1.8, 6.8, and 11.8%, reveals q values as shown in Figure 2c.  These are all 
consistent with the theoretical value of -0.6 < q < -0.4 (accounting for uncertainty in the elastic 
constants) for edge dislocations, and far differ in both magnitude and sign than the range +1.9 < q 
< +2.1 for screw dislocations.  The simpler modified Williamson-Hall (mWH) analysis (17) of 
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∆𝐾ℎ𝑘𝑙 = −
∆𝑑ℎ𝑘𝑙
𝑑ℎ𝑘𝑙
2   versus 𝐾 =
1
𝑑
  as  (∆𝐾ℎ𝑘𝑙)
2 = (0.9/𝐷)2 +  𝐵𝐾ℎ𝑘𝑙
2 𝐶ℎ𝑘𝑙    (B a constant) yields the 
same conclusion (Figure 2d).  Similarly, CMWP and mWH analyses for the CrMoNbV alloy at 
plastic strains of 0.8%, 4.2% and 5.3% yield q values shown in Figure 3c,d which can be compared 
to the theoretical edge value of -2 and the theoretical screw value of +1.5.  The quality of the 
neutron pattern for CrMoNbV is lower than for NbTaTiV, especially at the very low plastic strain 
of 0.8%, making that result less reliable.  Overall, the neutron data demonstrates that edge 
dislocations are more dominant than screw in both NbTaTiV and CrMoNbV. 
The significant role of edge dislocations in NbTaTiV and CrMoNbV is further supported 
by Annular Bright-Field (ABF)-STEM and Stereographic analysis of specimens deformed at T = 
293 K (Materials and Methods).  Figures 2e,3e show the ABF-STEM images of the dislocation 
networks in NbTaTiV and CrMoNbV, at plastic strains of 11.8% and 4.2%, respectively, taken 
slightly off the [110] zone axis to enhance the contrast. All dislocations having a line of length 
over 5 nm are identified (blue and red lines).  The identified line direction is compared with the 
stereographic projection, and if the difference is less than 5 degrees then the dislocation character 
is determined.  If two characters are possible, the one with the closest match to the dislocation line 
is chosen. If the dislocation line does not meet these criteria, it is not considered (e.g., the finer-
scale dislocation tangles in the images).  Figures 2f,3f show the results of the stereographic 
projection analysis, which reveals the characters of the long straight dislocation lines; the observed 
dislocations (blue and red in Figures 2e,3e) are highlighted in bold and lie along the lines shown.  
In NbTaTiV, the measured dislocations are predominantly of edge character (58 of 77, or 75%).  
In CrMoNbV, the dislocations are again predominantly edge (23 of 41, or 56%).  Dislocation 
contrast, i.e. g⋅b analysis, can also reveal dislocation character for some cases.  Analysis shown in 
S.M. 3 further demonstrates the dominance of edge dislocations in NbTaTiV. 
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The observations of a high fraction of edge dislocations relative to screw dislocations is in 
distinct contrast to typical studies in BCC metals and other HEAs (18) that almost exclusively 
show long straight screw dislocations and do not have good high temperature strength.  While 
results from TEM and neutron diffraction are not quantitatively identical, both results consistently 
show that edge dislocations are prevalent and dominant, as compared to screws. 
Our experimental demonstrations that plasticity in a BCC alloy can be controlled by edge 
dislocations is very surprising because it is counter to the nearly-universally-accepted 
understanding, based on many observations in elemental and dilute BCC alloys over many 
decades, that screw dislocations completely dominate the plastic flow behavior (13,14).   
To further cement that the edge dislocations control the strength, we apply a new theory 
for the yield strength versus temperature and strain rate for edge dislocations moving through a 
random BCC alloy (15).  In the theory, each alloying element is viewed as a solute that interacts 
with a dislocation in a hypothetical homogeneous “average” alloy that has all of the macroscopic 
properties of the true random alloy.  Fluctuations in the local arrangements of solutes create large 
local variations in the potential energy for the dislocation.  The dislocation thus spontaneously 
adopts a low-energy wavy structure to take advantage of the low-energy solute environments and 
avoid the high-energy environments.  Plastic flow then requires the temperature- and stress-
assisted thermal activation of the dislocations out of the low-energy environments and over the 
large barriers created by the adjacent high-energy environments along the glide plane in the 
random alloy.  The full theory is reduced to an analytic model by using the elasticity approximation  
𝑈𝑖(𝑥, 𝑦)  = – 𝑝(𝑥, 𝑦)Δ𝑉𝑖 for the solute/dislocation interaction 𝑈
𝑖(𝑥, 𝑦) of a solute of the type i at 
position (x, y) under the pressure field p(x,y) due to a dislocation lying along z and centered at the 
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origin, where Δ𝑉𝑖 is the misfit volume of the type i solute in the average alloy. The yield stress as 
a function of temperature and strain rate 𝜀̇ is then (15) 
𝜎y(𝑇, 𝜀̇) = 𝜎y0 [1 − (
𝑘𝑇
∆𝐸𝑏0
𝑙𝑛
𝜀0̇
?̇?
)
2/3
]  ,
𝜎y
𝜎𝑦0
≥ 0.5 [3a] 
𝜎y(𝑇, 𝜀̇) = 𝜎y0 exp (−
1
0.55
𝑘𝑇
Δ𝐸𝑏0
ln
𝜀0
?̇?
̇ )   ,
𝜎y
𝜎𝑦0
< 0.5 [3b] 
where the zero-temperature yield stress 𝜎y0 and zero-stress energy barrier Δ𝐸𝑏0 are computed as 
𝜎y0 = 3.067 𝐴𝜎  𝛼
−1/3𝜇 (
1+𝜈
1−𝜈
)
4/3
(∑
𝑐𝑖∆𝑉𝑖
2
𝑏6𝑖
)
2/3
 [4a] 
Δ𝐸𝑏0 = 𝐴𝐸  𝛼
1/3𝜇𝑏3 (
1+𝜈
1−𝜈
)
2/3
(∑
𝑐𝑖∆𝑉𝑖
2
𝑏6𝑖
)
1/3
 [4b] 
 
Here, 𝜇  and 𝜈  are the alloy elastic constants, {𝑐𝑖}  the solute concentrations, 𝛼 = 1/12  a line 
tension parameter, and 𝜀0̇ = 10
4𝑠−1  a reference strain rate. The coefficients 𝐴𝜎  and 𝐴𝐸  are 
computed in the full theory for each alloy composition. There are thus no fitting parameters in the 
theory, only material properties (elastic constants, misfit volumes, and line tension) and alloy 
composition.  However, the coefficients fall in a narrow range of 𝐴𝜎 = 0.040 ± 0.004 and 𝐴𝐸 =
2.00 ± 0.2   across a wide spectrum of BCC HEAs, indicating that the dominant material 
properties are the misfit volumes and elastic constants. 
Applying the theory to NbTaTiV, we first compute the misfit volumes of all solutes using 
Vegard’s Law, which accurately predicts alloy atomic volumes of refractory BCC HEAs studied 
to date (9). The BCC atomic volumes {𝑉0𝑖}  are Nb=17.952, Ta=17.985, Ti=17.387, and V=14.02 
in Å3, respectively, the alloy volume is 𝑉 = ∑ 𝑐𝑖𝑉0𝑖𝑖 , and the misfit volume for solute i is ∆𝑉𝑖 =
𝑉0𝑖 − 𝑉.  The alloy elastic constants are computed using the rule of mixtures for the elemental C11, 
C12 and C44 to obtain the bulk modulus 𝐵 =
𝐶11+2𝐶12
3
 and 𝜇 = √𝐶44(𝐶11 − 𝐶12)/2 = 47.8 𝐺𝑃𝑎, 
and then 𝜈 =
3𝐵−2𝜇
2(3𝐵+𝜇)
= 0.365, consistent with experiments (see Supp. Fig. 5).  We use the precise 
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computed coefficients 𝐴𝜎 = 0.0437 and 𝐴𝐸 = 2.02 from the full theory for the NbTaTiV alloy. 
The predicted strength versus temperature for NbTaTiV with no interstitial content at the 
experimental strain rate of 10−3/s is shown in Figure 4a along with the present experiments. The 
theory trend is good but much lower than the present experiments, although comparable to 
literature data at T = 300 K.  We attribute this difference to the 1.6 at% O + N impurities in our 
alloy because it is known that 2 at% O or N strengthens a BCC HEA by ~ 400 - 500 MPa at T = 
293 K (Figure 4a) (19).  Furthermore,  the tetragonal misfit strains for O and N in Nb, Ta, and V, 
as computed via DFT, are all large ( 𝜀11 ~ 0.60; 𝜀22 = 𝜀33~ − 0.1 ), consistent with high 
strengthening. Semi-quantitatively, using a new Nb-O interatomic potential (20) to compute the 
interaction of O with an edge dislocation in Nb and assuming the same interaction energies for the 
NbTaVTi alloy, the theory can be extended to include the addition of 1.6 at% O interstitials and 
predicts an increase in strength of ~ 300 MPa at T = 300 K, reaching reasonable agreement with 
experiment (Figure 4a). 
We next apply the theory to the new CrMoNbV alloy.  Comparison with experiments is 
facilitated by the very low interstitial content, as compared to NbTaTiV.  Equations 4a,b show that 
the solute misfit volumes are the critical component for strengthening, and Cr has a small BCC 
atomic volume of 12.321 Å3 and so should lead to high strengths.  We apply Eqs. 3-4 using (i) 
Vegard’s law, (ii) the additional atomic volumes of Cr=12.321 Å3 and Mo=15.524 Å3, (iii) alloy 
elastic moduli of 𝜇 = 86.24 GPa and 𝜈 = 0.3, and (iv) the precise computed coefficients 𝐴𝜎 =
0.0344  and 𝐴𝐸 = 1.93  for CrMoNbV.  The predicted yield strength versus temperature for 
CrMoNbV is shown in Figure 4a and agrees well with the measured strengths.  The predicted and 
measured strengths of this new alloy exceed those of all previously-reported single-phase BCC 
HEA alloys at temperature of 1,173 K (11,12,21) and at the homologous temperature T/Tm = 0.55 
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(see (12)).  Our predictions based on the edge dislocation are fully consistent with their significant 
presence as revealed by both neutron diffraction and ABF-STEM. 
With the new understanding of the key role of edge dislocations in the strengthening of 
BCC HEAs, especially at high temperatures, we can now identify new promising alloy 
compositions.  We note that screw dislocations remain important in some BCC HEAs, but the 
theoretical mechanisms fail at higher T and accurate theory inputs are difficult to obtain (22-23).  
Thus, a computationally-guided search for new high-performance alloys based on edge-dislocation 
strengthening is a computable mechanistic path for the design and discovery of further new alloys 
with high strengths, high-temperature strength retention, and low density.  To this end, we use Eqs. 
3-4, the average coefficients of  𝐴𝜎 = 0.040 and 𝐴𝐸 = 2.00, Vegard’s Law, and the rule-of-
mixtures for elastic constants, to search across more than 10,000,000 compositions in the 10-
component Cr-Mo-Nb-Ta-V-W-Hf-Ti-Zr-Al family (S.M. 5).  As shown in Figure 4b,c, we find ~ 
6,000,000 alloys with estimated strengths over 1 GPa at T = 1,300 K, and ~ 1,300,000 over 2 GPa, 
far exceeding the strengths of any existing alloys. At 1,300 K, many alloys also have 
strength/density > 0.25 GPa g/cm3 that is the highest achieved to date at room temperature.  We 
propose two super-high-strength/high-T alloys of Mo5W2.5CrZrHf and Mo2.5W2.5CrZrHf for 
fabrication and testing, with predicted strengths of ~ 3 GPa at 1,300 K and considering preliminary 
thermodynamic assessment (S.M. 6) that suggest limiting Cr-Zr-Hf content to avoid intermetallics. 
We also propose two super-high-strength/high-T alloys Mo6WCrZrHf and Mo2.5TaWV2.5CrZrHf 
with limited W yet predicted strengths of ~ 2.5 GPa at 1,300 K.  Future combinations of our design 
strategy with detailed thermodynamics (24-25) and added constraints (e.g. high ductility criterion) 
may lead to the discovery of new alloys that can achieve the multi-objective performance required 
in many critical engineering applications. 
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Figure 1.  Alloy strengths vs temperature.  The refractory BCC HEAs retain high strengths up to temperatures well 
beyond those where superalloys lose strength. The NbTaTiV alloy here is comparable to the literature MoNbTaVW 
and MoNbTaW alloys. The strength of the new CrMoNbV alloy, predicted to be even stronger, significantly exceeds 
the strengths of the existing BCC HEAs.  The strengths of NbTaTiV and CrMoNbV are found here to be controlled 
by edge dislocations – see Figures 2, 3, and 4 – not screw dislocations.  Literature data are reproduced from Ref. (8). 
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Figure 2. Neutron diffraction and TEM experiments showing dominance of edge dislocations in NbTaTiV. (a) 
Neutron-diffraction patterns showing interplanar spacings with peaks indexed for the BCC structure of NbTaTiV, at 
temperatures 293 K, 973 K, and 1,173 K. (b) Axial and transverse lattice strains versus applied load, shown as applied 
stress versus lattice strain so that the slopes correspond to the planar Young’s moduli (𝐸ℎ𝑘𝑙) and Young’s 
moduli/Poisson’s ratio (𝐸ℎ𝑘𝑙/𝜈ℎ𝑘𝑙), as indicated for the {110}, {200}, {211}, and {310} planes , respectively, at T = 
293 K. The onset of plastic yielding (yield stress) is presented as the dashed line. (c) Evolution of q parameters as a 
function of plastic strain, which are obtained from Convolutional Multiple Whole Profile (CMWP) fitting. Dashed 
lines indicate values of q parameter for edge and screw character dislocations, considering 15 % error margin for the 
elastic constants. (d) Modified-Williamson-Hall plot, FWHM versus 𝐾2𝐶 at plastic strains of 1.8 %, 6.8 %, and 11.8 
%, respectively, at T = 293 K. The plots were obtained from the physical profiles calculated by the CMWP procedure, 
considering a free of the instrumental effects on FWHM data. The pattern of the undeformed specimen was applied 
to CMWP procedure as an instrumental pattern. The much better agreement of the data with the edge analysis 
demonstrates the dominance of the edge dislocations. (e) Annular-Bright-field (ABF)-STEM image of NbTaTiV at 
11.8 % plastic strains with two beam condition near 𝑍 = [11̅3] and ?⃗? = (110). All straight dislocation lines longer 
than 5 nm are highlighted by blue and red lines, corresponding to their identification as edge and screw dislocations, 
respectively. (f) Stereographic projection related to the [110] orientation, where [110] has been aligned with images 
in (e). All possible dislocations are indicated, and those corresponding to the images in (e) are highlighted in bold. 
The degrees indicate the angle with respect to the [110] direction. Blue lines/blue symbols indicate those dislocations 
identified as edge and red lines/symbols indicate those dislocations identified as screw. As a result, ~ 75% of the 
dislocations are identified as edge.  
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Figure 3. Neutron diffraction and TEM experiments showing dominance of edge dislocations in CrMoNbV. (a) 
Neutron-diffraction patterns showing interplanar spacings with peaks indexed for the BCC structure of CrMoNbV, at 
temperatures 293 K and 1,173 K. (b) Axial and transverse lattice strains versus applied load, shown as applied stress 
versus lattice strain so that the slopes correspond to the planar Young’s moduli (𝐸ℎ𝑘𝑙) and Young’s moduli/Poisson’s 
ratio (𝐸ℎ𝑘𝑙/𝜈ℎ𝑘𝑙), as indicated for the {110}, {200}, {211}, and {310} planes , respectively, at T = 293 K. The onset 
of plastic yielding (yield stress) is presented as the dashed line. (c) Evolution of q parameters as a function of plastic 
strain, which are obtained from Convolutional Multiple Whole Profile (CMWP) fitting. Dashed lines indicate values 
of q parameter for edge and screw character dislocations, considering 15 % error margin for the elastic constants. (d) 
Modified-Williamson-Hall plot, FWHM versus 𝐾𝐶0.5 at plastic strains of 0.8 %, 4.2 %, and 5.3 %, respectively, at T 
= 293 K. The plots were obtained from the physical profiles calculated by the CMWP procedure, considering a free 
of the instrumental effects on FWHM data. The pattern of the undeformed specimen was applied to CMWP procedure 
as an instrumental pattern. The much better agreement of the data with the edge analysis demonstrates the dominance 
of the edge dislocations. (e) Annular-Bright-field (ABF)-STEM image of CrMoNbV at 4.2 % plastic strains with two 
beam condition near 𝑍 = [11̅3] and ?⃗? = (110). All straight dislocation lines longer than 5 nm are highlighted by blue 
and red lines, corresponding to their identification as edge and screw dislocations, respectively. (f) Stereographic 
projection related to the [110] orientation, where [110] has been aligned with images in (e). All possible dislocations 
are indicated, and those corresponding to the images in (e) are highlighted in bold. The degrees indicate the angle with 
respect to the [110] direction. Blue lines/blue symbols indicate those dislocations identified as edge and red 
lines/symbols indicate those dislocations identified as screw. As a result, ~ 55% of the dislocations are identified as 
edge.  
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Figure 4.  Theory predictions of yield strength in BCC HEAs. (a) Yield strength vs. temperature, experiments and 
theory for NbTaTiV and CrMoNbV. NbTaTiV: Experiments on NbTaTiV alloy with 1.15% O and 0.45% N: red 
triangles at a strain rate 10-3 s-1; theory for interstitial-free alloy: red line.  Red square reported in Ref. (9) at 5 x 10-4 
s-1 with no O or N impurity content reported. Black circles: experiments on TiHfZrNb at T = 300 K with and without 
2% O and N that show strength increase up to ~ 500 MPa (19), comparable to the difference here between model 
predictions for interstitial-free NbTaTiV and the experiments with 1.6% impurities. CrMoNbV: Experiments: orange 
triangles; theory: orange line; no impurities are detected in this alloy.  The strength of the new CrMoNbV at 1,173 K 
exceeds those of all previous reported alloys. (b,c) Theory predictions for T = 1,300 K strength vs composition (b) 
and T = 1,300 K strength/weight ratio vs composition (c). The compositions indicate the average +/- standard deviation 
for 1,000 compositions per bin. The screening includes >10,000,000 compositions in the Nb-Mo-Ta-W-V-Cr-Ti-Zr-
Hf-Al compositional space. 
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Materials and Methods 
The NbTaTiV alloys were manufactured by arc-melting under the argon atmosphere on a 
water-cooled Cu hearth from Nb, Ta, Ti, and V elements of 99.99 weight percent (wt%) purity. 
The nominal composition of the present alloy is Nb25Ta25Ti25V25 in atomic percent (at%). To 
ensure a full synthesis of composed elements, the ingot was melted over 10 times. From the master 
alloys, the specimens were fabricated, followed by direct casting into cylindrical rods with a 4-
mm diameter and 50-mm length, using a drop-casting technique. Similarly, the CrMoNbV alloy 
was fabricated by arc-melting the constituent elements of Cr, Mo, Nb, and V (purity 99.9 wt%), 
followed by drop casting into a water-cooled copper hearth. The NbTaTiV alloys were sealed with 
the triple-pumped argon in quartz tubes and homogenized at 1,473 K for 3 days, followed by water 
cooling. The CrMoNbV samples were tested and characterized in the as-cast state, due to the very 
high homogenous temperature (> 1,673 K). The microstructure was examined by scanning-
electron microscopy (SEM), using a Zeiss Auriga 40 equipped with back-scattered electrons 
(BSE). The chemical composition of the alloy was studied by the atom probe tomography (APT) 
analysis after the homogenization treatment. 
The mechanical tests were performed under uniaxial compression at elevated temperatures, 
employing a computer-controlled MTS servo-hydraulic-testing machine. Tests on NbTaTiV were 
conducted at an initial strain rate of 1 × 10-3 s-1 on specimens of 4 mm diameter and 8 mm length. 
Tests on CrMoNbV were conducted at a strain rate of 2 × 10-4 s-1 on specimens of 3 mm diameter 
and 6 mm length.  Test samples were heated to and held at the desired temperatures for at least 30 
min. until the temperature was stabilized within ± 10 K.  
The neutron diffraction (ND) instrument utilizes time-of-flight (TOF) measurements, 
which allows covering a wide range of d spacings without the rotation of detectors or samples. 
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Two detectors at +/-90 degrees are used to collect diffracted beams from the polycrystalline grains 
with lattice planes parallel to the axial and transverse directions, respectively. The compression 
experiments on the homogenization-treated NbTaTiV alloy with a diameter of 4 mm and length of 
8 mm and the as-cast CrMoNbV alloy with a diameter of 4.5 mm and length of 9 mm were 
conducted to investigate the elastic and plastic deformation behaviors at room and elevated 
temperatures, using a Materials Testing System (MTS) load frame. The samples are illuminated 
by the incident neutron beam of a 3 × 3 mm2 slit size and 2-mm receiving collimators. During the 
measurement of the diffraction patterns for the elastic-deformation period, a stepwise-force control 
sequence was utilized. At each stress level, the measurement times of the ND data were 20 minutes 
and 12 minutes for NbTaTiV and CrMoNbV, respectively. For NbTaTiV, when the stress level 
reached 1,100 MPa for 293 K, 750 MPa for 973 K, and 620 MPa for 1,173 K (close to the 
macroscopic yield strength), a stepwise displacement control with an incremental step of 0.2 mm 
was employed. Similarly, for the CrMoNbV alloy, a stepwise displacement control with a 
displacement rate of 1.5 × 10-4 mm/s was also used when the stress exceeds 800 MPa. The collected 
data were analyzed by single-peak fitting, using the VULCAN Data Reduction and Interactive 
Visualization software (VDRIVE) program (26). 
The TEM and STEM images of NbTaTiV and CrMoNbV were taken and analyzed, using 
JEOL ARM200F TEM/STEM with spherical aberration correctors. Stereographic projections of 
dislocations were used to identify the dislocation types and orientations.  
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Supplementary Materials 1.  Microstructure and chemical composition of the homogenized 
NbTaTiV HEA 
The Supp. Fig. 1 shows the scanning-electron microscopy (SEM) back-scattered electrons 
(BSE) images of the homogenized NbTaTiV HEA. The simple solid-solution microstructure was 
clearly observed with no formation of second phases or elemental segregation within grains and 
grain boundaries. The chemical composition of the homogenization-treated sample was identified 
by the APT analysis, which is close to the nominal composition 
(Nb24.778Ta23.471Ti24.893V24.929C0.072Ga0.278Al0.002N0.424O1.153 on the average of the atom fractions). 
The CrMoNbV alloy shows a typical dendritic and interdendritic microstructure with a body-
centered-cubic (BCC) structure, resulting from the different melting points of constituent elements. 
The detailed microstructure information of the CrMoNbV alloy can be found in a previous work 
(24). 
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Supplementary Materials 2.  In-situ neutron diffraction and mechanical testing 
The lattice strains (𝜀ℎ𝑘𝑙) were calculated from the variation of the diffraction peak position, 
during loading by the following equation: 
𝜀ℎ𝑘𝑙 =
𝑑ℎ𝑘𝑙−𝑑ℎ𝑘𝑙
0
𝑑ℎ𝑘𝑙
0                                                                (S.1) 
where 𝑑ℎ𝑘𝑙is the hkl lattice spacing as a function of the applied stress, and 𝑑ℎ𝑘𝑙
0  is the reference hkl 
lattice spacing under the unloaded state. The lattice-strain evolution can provide the {ℎ𝑘𝑙} plane-
specific lattice strain during deformation. The evolution of lattice strains in the elastic region 
exhibits that the change of lattice strains is not dependent on the grain orientation, i.e., all oriented-
grains [{110}, {200}, {211}, and {310}] present almost the similar elastic lattice strain with an 
identical level of the applied stress and maintain the linear response, indicating the elastic isotropy. 
Supp. Fig. 2 exhibits the compressive engineering stress-strain curves for the homogenized 
NbTaTiV HEA at elevated temperatures. This alloy indicates the high yield strength (σ𝑦) of 1,239 
MPa without the occurrence of fracture until the compressive strain of 30% at 293 K. As the 
temperature is increased to 1,173 K, the yield strength gradually reduces to 688 MPa with the 
maintenance of the excellent compressive plasticity. However, work softening is clearly observed 
when the sample is plastically deformed at 1,173 K. Supp. Fig. 3 displays the compressive 
engineering stress-strain curves for the as-cast CrMoNbV HEA at 293 K, 973 K, and 1,173 K. One 
can notice that this alloy exhibits a very high yield strength at room temperature (1,447 MPa).  The 
yield strength of this alloy retains a high value (> 1,000 MPa) up to 1,173 K.   The detailed values 
of yield strengths for the homogenized NbTaTiV and as-cast CrMoNbV alloys at 293 K, 973 K, 
and 1,173 K are noted in the Supp. Figs. 2 and 3.  
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Supplementary Materials 3.  TEM Analysis of Burgers vector and character in NbTaTiV 
The TEM contrast of a dislocation is related to g⋅b and when |g⋅b|/gb >1/3 the contrast is 
visible in the TEM.  Supp. Table 1 summarizes relevant possible combinations of Burgers vectors 
and their contrast with respect to the g vectors were [22̅2̅], [11̅2̅] and [11̅2]. selected for our 
investigation.  For all <100> Burgers vectors, |g⋅b|/gb>1/3 and such dislocations would show 
contrast in all the images.  For some <110> and <111> Burgers vectors, |g⋅b|/gb<1/3 for some g, 
highlighted as red in the Table.  Furthermore, both Burgers vectors [11̅1] and [101] have the same 
contrast conditions (highlighted by gray shading in the Table) and cannot be distinguished.  
Furthermore, both Burgers vectors [11̅1̅]  and [101̅]  have the same contrast conditions 
(highlighted by blue in the Supp. Table 1) and so also cannot be distinguished.  Only the [111] 
Burgers vector showed dislocation contrast for g of [11̅2̅] and [11̅2], and invisibility for [22̅2̅].  
The [110] Burgers vector is the only case that shows no dislocation contrast for all g vectors.  
Based on these various conditions, we can interpret our STEM data showing the dislocation 
contrast for the various imaging conditions (g vectors). Not all dislocations can be uniquely 
determined but our subsequent stereographic projection based on <111> Burgers vectors provides 
complementary data that the dislocations have the <111> Burgers vectors. 
Supp. Fig. 4 shows the scanning transmission electron microscopy (STEM) annular dark 
field (ADF) images viewed along the [110] direction for different conditions.  Regions A, B, and 
C are indicated only for reference in the discussion. In Supp. Fig. 4a, all diffraction spots are 
included and hence all dislocations are visible. Supp. Fig. 4b showed the STEM ADF image for 
the [22̅2̅] g vector, and many of the dislocations in Region A are now invisible. In region B, nearly 
horizontal dislocation lines appear.  In region C, the contrast is blurred but the top-half area is 
grayer and shows less dislocation contrast. Supp. Fig. 4c has the [11̅2̅] g vector, and region A 
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shows two different contrasts, with the top area and bottom-left corner showing lighter contrast, 
and the center area showing darker contrast. The bottom-half area in region B and the top-half area 
in region C also show contrast.  Supp. Fig. 4d has the [11̅2] g vector, and region A shows lighter 
contrast in the top half and the bottom-left corner while region C shows lighter contrast in the top 
half with obvious vertical dislocation lines. 
According to Supp. Table 1, the contrast conditions observed for the top and bottom-left-
corner in region A and for the top half in region C are only in agreement with [111] Burgers vector 
(contrast for [11̅2̅] and [11̅2], no contrast for [22̅2̅]).  Region B provides information on the 
dislocation character as discussed below.  The center area in region A matches with either [11̅1̅] 
or [101̅] Burgers vectors (contrast for [11̅2], no contrast for [22̅2̅] or [11̅2̅]).  Therefore, only the 
<111> type Burgers vectors are consistent with the contrast in all regions for all g vectors.  While 
[101̅] is theoretically possible in region A, it is absent in other regions and would be an unusual 
Burgers vector for slip in a BCC crystal.  We conclude that the Burgers vectors in the NbTaTiV 
alloy are of the <111> type that is the well-established Burgers vector in elemental and dilute BCC 
alloys. 
The TEM or STEM images can provide some further indication regarding dislocation 
character, as follows.  Recall that the line directions for edge and screw dislocation are 
perpendicular and parallel to b, respectively.   Therefore, if the g vector is parallel to the dislocation 
line, screw dislocations will have the largest contrast and edge dislocations will not be visible.  If 
the projection of the dislocation line onto the [110] plane (axis of viewing) is aligned with g, then 
the contrast can determine the character.  In addition, if the g vector is perpendicular to the 
dislocation line, screw dislocation will not show any dislocation contrast but edge dislocation may 
show dislocation contrast when |g⋅b|/gb<1/3.   
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For example, a [11̅1̅] screw dislocation has a [11̅1̅] line direction while a [111] edge 
dislocation has a [21̅1̅] line direction. The projections of these two dislocations onto the (110) 
plane leads to projected line directions that differ by only 10.02 degrees while the angle between 
the Burgers vectors is 70.52 degrees.  Looking closely at Region A in Supp. Fig. 4a, we can observe 
a predominance of near-vertical dislocation lines.  If these near-vertical dislocation line are a screw 
type, the Burgers vector should be [11̅1̅] and on the (110) plane. For g=[22̅2̅], which is near 
vertical, such a [11̅1̅] screw dislocation should be clearly visible.  If the line is invisible, then the 
dislocation must be of edge character, which is the situation seen in region A for Supp. Fig. 4b.   
As another example, near-[11̅2] dislocation lines in region B of Supp. Fig. 4b with g=[22̅2̅] 
are observed.  A screw dislocation should show no contrast but here the dislocation lines are clearly 
visible.  Similarly, near [11̅2̅] and [21̅1̅] (the projected vector is [33̅2̅] on (110) plane), dislocation 
lines are observed in Supp. Fig. 4d with g=[11̅2] and match with edge character. 
The g⋅b contrast cannot reveal the character of all the observed dislocation.  The 
stereographic projection method is thus used for better determination of the overall distribution of 
dislocation character, as shown in the main text. 
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b 𝒈[𝟐?̅??̅?]. 𝒃 𝒈[𝟏?̅??̅?]. 𝒃 𝒈[𝟏?̅?𝟐]. 𝒃 
<111> 
[111] -0.33 -0.47 0.47 
[11̅1] 0.33 0.00 0.94 
[11̅1̅] 1.00 0.94 0.00 
<110> 
[110] 0.00 0.00 0.00 
[101] 0.00 -0.29 0.87 
[101̅] 0.82 0.87 -0.29 
[11̅0] 0.82 0.58 0.58 
<100> 
[100] 0.58 0.41 0.41 
[010] -0.58 -0.41 -0.41 
[001] -0.58 -0.82 0.82 
 
Supplementary Table 1. Normalized g⋅b values for possible Burgers vectors under the imaging 
conditions used in Supp. Fig. 4.  Absolute values |g⋅b|/gb<1/3 are invisible and are highlighted by 
red.  Pairs of Burgers vectors with the |g⋅b|/gb shaded in either gray or blue are not distinguishable 
under these conditions. 
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Supplementary Materials 4.  Analysis of elastic response 
Supp. Fig. 5 shows the reciprocal diffraction elastic constants (1/𝐸ℎ𝑘𝑙 and 𝑣ℎ𝑘𝑙/𝐸ℎ𝑘𝑙), 
calculated by the Kröner model, plotted as a function of the elastic-anisotropy factor, 𝐴ℎ𝑘𝑙 =
{
ℎ2𝑘2+𝑘2𝑙2+𝑙2ℎ2
(ℎ2+𝑘2+𝑙2)2
} at both room and elevated temperatures (27-29). It is found that the theoretical 
Kröner model fits the experimental data very well at all temperatures. Based on this good 
agreement with the in-situ neutron experimental data, the single-crystal elastic constants (𝐶𝑖𝑗), 
macroscopic bulk modulus (𝐾𝑀), and shear modulus (𝐺𝑀) were calculated, using Kröner’s self-
consistent model (28,29): 
𝐺𝐾
3 + 𝛼𝐺𝐾
2 + 𝛽𝐺𝐾 + 𝛾 = 0                                                 (2) 
where 𝐺𝐾 is the diffraction shear modulus, and 𝛼, 𝛽, and 𝛾 are constants given by [S.5]: 
𝛼 =
3{3𝐾𝑀+4[𝜇+3(𝜂−𝜇)𝐴ℎ𝑘𝑙]}
8
−
(2𝜂+3𝜇)
5
                                         (3) 
𝛽 =
3𝐾𝑀[𝜇+3(𝜂−𝜇)𝐴ℎ𝑘𝑙]
4
−
3(6𝐾𝑀𝜂+9𝐾𝑀𝜇+20𝜂𝜇)
40
                                   (4) 
𝛾 = −
3𝐾𝑀𝜂𝜇
4
                                                            (5) 
where 𝐾𝑀  is the bulk modulus, which is given by (𝐶11 + 𝐶12)/3, 𝜂 is (𝐶11 − 𝐶12)/2, and 𝜇 is 
equal to 𝐶44. The value of the isotropic macroscopic shear modulus, 𝐺𝑀, becomes the diffraction 
shear modulus, 𝐺𝐾, in Eq. (2), by substituting 0.2 for 𝐴ℎ𝑘𝑙, if averaging over all orientations. Then, 
the isotropic macroscopic Young’s modulus, 𝐸𝑀, can be calculated by the equation: 
𝐸𝑀 =
9𝐺𝑀𝐾𝑀
𝐺𝑀+3𝐾𝑀
                                                             (6) 
The calculated single-crystal elastic constants (𝐶𝑖𝑗), macroscopic Young’s (𝐸𝑀), shear (𝐺𝑀), bulk 
(𝐾𝑀) moduli, and Poisson’s ratio (𝑣) at room and elevated temperatures are listed in the Supp. 
Fig. 5.  
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Supplementary Materials 5.  Finding high-temperature strengths in the whole Cr-Mo-Nb-
Ta-V-W-Ti-Zr-Hf-Al composition space. 
Figures 4b,c show the predictions of the reduced theory (see the main text) as a function of 
the composition for > 10,000,000 compositions in the whole Cr-Mo-Nb-Ta-V-W-Ti-Zr-Hf-Al 
space. The whole compositional space is explored by varying the alloy content of each element in 
5 at% steps. For the clarity of visualization, the compositions are binned in groups of 1,000 and 
the average +/- standard deviation is shown, per each element. The screening is performed by using 
as input the single-element atomic volumes, elastic constants, and densities, all listed in Supp. 
Table 2. The alloy values are then computed by using the rule of mixtures of the elemental values 
(see the main text). 
For the case of Al, the atomic volume is 14,075 Å3, based on the work by Chen et al. (30). 
The atomic volumes of all other elements are the same as reported in (31). For the Ti and Zr, the 
values are obtained by extrapolating high-temperature (high-T) measurements to room 
temperature (RT), while Hf is obtained by using the Vegard’s law on Hf-HEAs. The atomic 
volumes adopted for Ti, Zr, and Hf are similar to those estimated in Ref. (21), which were instead 
obtained by extrapolating the elemental values from binary alloys in the literature. 
The cubic elasticity constants of the BCC Al are assumed to be equal to the FCC values. 
The Ti, Zr, and Hf values are taken from high-T phonon measurements (at 1,293 K, 1,188 K, and 
2,073 K, respectively), see (32-34). 
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 Volume (Å3) C11 (GPa) C12 (GPa) C44 (GPa) 
Al 14.075 105.6 63.9 28.53 
Cr 12.321 339.8 58.6 99 
Hf 22.528 131 103 45 
Mo 15.524 450.02 172.92 125.03 
Nb 17.952 252.7 133.2 30.97 
Ta 17.985 266.32 158.16 87.36 
Ti 17.387 134 110 36 
V 14.020 232.4 119.36 45.95 
W 15.807 532.55 204.95 163.13 
Zr 23.02 104 93 38 
 
Supplementary Table 2. Single-element properties used for theoretical predictions. 
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Supplementary Materials 6. Energetic competition within the Cr-Mo-W-Zr alloy system 
In order to achieve a BCC solid solution we require the free energy to be lower than 
competing phases. Two factors enter consideration, enthalpy and entropy. We will compute 
enthalpies within the Cr-Mo-W-Zr quaternary alloy system utilizing density functional theory 
(DFT). In addition to the pure elements and random solid solutions, the competing phases are 
ordered BCC of Pearson type cP2 (B2) and Laves phases of Pearson types hP12, hP24, and cF24 
(Strukturbericht C14, C36, and C15), and Mo3Zr.cP8 and W5Zr3.tI32. 
Our DFT calculations employ the plane-wave code VASP (35) in the PBE generalized 
gradient approximation (36) with an energy cutoff of 300 eV and k-point densities sufficient to 
converge energies to within 1 meV/atom. We fully relax atomic positions and lattice parameters, 
and consider antiferromagnetic spin polarization in the case of elemental Cr. Enthalpies are 
calculated relative to pure elements. Stable phases lie on the convex hull of enthalpies. Instability 
energies ΔE are defined as the height above the convex hull (37). 
BCC solid solutions are represented as randomly occupied supercells containing N1 – N4 
atoms of the four different species. A total of  
𝛺(𝑁1, 𝑁2, 𝑁3, 𝑁4) =
(𝑁1 + 𝑁2 + 𝑁3 + 𝑁4)!
𝑁1! 𝑁2! 𝑁3! 𝑁4!
 
such configurations exist from which we take Nsamples = 20 representative configurations in 
order to obtain a distribution of instability energies {ΔEk}. Our energies ΔEk  range from 232 
meV/atom up to 314, with an average value of 266 and standard deviation of 15. The energies 
define a partition function (38) 
𝑍 =
𝛺(𝑁1, 𝑁2, 𝑁3, 𝑁4)
𝑁𝑠𝑎𝑚𝑝𝑙𝑒𝑠
∑ 𝑒−𝐸𝑘 𝑘𝐵⁄ 𝑇
𝑁𝑠𝑎𝑚𝑝𝑙𝑒𝑠
𝑘=1
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and its associated free energy, 𝐹 = −𝑘𝐵𝑇𝑙𝑛(𝑍), in which varying degrees of short-range 
chemical order are appropriately weighted.  The BCC solid solution gains stability relative to 
competing phases above the temperature T0 at which F vanishes. Vibrational and electronic 
entropy are neglected, as these are found to be small effects relative to the entropy of chemical 
substitution when comparing phases of similar structure (i.e. BCC) (39). 
For equiatomic CrMoWZr we predict phase separation at low temperature into a mixture 
of BCC-Cr, Cr2Zr.cF24, W2Zr.cF24, and BCC-Mo.  The transition to single phase BCC occurs at 
T0=2300K. The melting temperature is not precisely known; we estimate it as 2300K by averaging 
the melting temperatures of the six equiatomic binaries. Thus we predict the equiatomic BCC 
phase to be unstable at all temperatures below melting. Because Laves phase are major competitors 
to the HEA, we estimated the free energy of the cF24 Laves phase assuming concentration Mo2Zr6 
on site 8a and Cr6Mo4W6 on site 16d. This structure lies 82 meV/atom above the convex hull, 
suggesting that it could be stabilized by entropy of mixing on the sublattices above T0=1300K. 
Cr and Zr are especially prone to Laves phase formation, so we investigated the effect of 
moving off-stoichiometry, to CrMo2W2Zr within a 24-atom supercell. Because the composition 
moves away from the Cr2Zr and W2Zr Laves phases, the distribution of ΔEk values shifts 
downward by approximately 100 meV/atom, and we predict formation of single phase BCC at T0 
= 1600K. At the same time, the melting temperature should rise because the composition is 
enriched in elements Mo and W whose melting temperatures are high. Thus we obtain a thermally 
stable non-stoichiometric HEA over a wide temperature range. However, this analysis considers 
only a subset of potentially competing phases that omits binary and ternary solid solutions, so 
further investigation will be required to validate this prediction. 
15 
 
The situation is similar for CrHfMoW, which phase separates at low temperature into a 
mixture of BCC phases plus the Laves phase HfW2. The transition to single phase BCC occurs at 
T0=2400K, compared with our estimated melting temperature of 2100K. The high entropy Laves 
phase is stabilized above T0 = 1350K. At composition CrHfMo2W2, the predicted T0 drops to 
1200K, while the melting temperature rises. 
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Supplementary Figures 
 
Supplementary Figure 1. SEM-BSE image of the homogenization-treated NbTaTiV refractory 
HEA. 
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Supplementary Figure 2. Mechanical properties of the homogenized NbTaTiV HEA obtained at 
293 K, 973 K, and 1,173 K, respectively.   
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Supplementary Figure 3. Mechanical properties of the as-cast CrMoNbV HEA obtained at 293 
K, 973 K and 1,173 K, respectively. 
 
 
 
  
4 
 
 
Supplementary Figure 4. The analysis on dislocation types in 15% deformed NbTaTiV. All the 
images were taken at the same region but different imaging conditions. The line marks separate 
the regions showed different contrast at each imaging condition. (a) ADF image viewing along 
[110] direction. The two lowest indexed direction were marked with arrows. The ADF images 
viewing along [110] and with (b) [22̅2̅], (c) [11̅2̅] and (d) [11̅2] g vectors. The g vectors were 
marked on the images with arrows. 
 
 
 
5 
 
 
 
Supplementary Figure 5. Reciprocal diffraction elastic constants, 1/𝐸{ℎ𝑘𝑙} and 𝑣ℎ𝑘𝑙/𝐸{ℎ𝑘𝑙}, as a 
function of 𝐴ℎ𝑘𝑙 , and fitting with the Kröner model. The single-crystal macroscopic elastic 
constants, 𝐶11, 𝐶12, and 𝐶44, the macroscopic Young’s (𝐸𝑀), shear (𝐺𝑀), bulk (𝐾𝑀) moduli, and 
Poisson’s ratio (𝑣) at 293 K, 973 K, and 1,173 K, respectively. 
(a) 
